We report the growth of GaN films on the Si(1 1 1) substrate by metalorganic chemical vapour phase deposition (MOCVD). Different buffer layers were used to investigate their effects on the structural and optical properties of GaN layers. A series of GaN layers were grown on Si(1 1 1) with different buffer layers and buffer thicknesses and were characterized by Nomarski microscopy, atomic force microscopy, high-resolution x-ray diffraction (XRD) and photoluminescence (PL) measurements. We first discuss the optimization of the LT-AlN/HT-AlN/Si(1 1 1) templates and then the optimization of the graded AlGaN intermediate layers. In order to prevent stress relaxation, step-graded AlGaN layers were introduced along with a crack-free GaN layer of thickness exceeding 2.6 µm. The XRD and PL measurements results confirmed that a wurtzite GaN was successfully grown. The resulting GaN film surfaces were flat, mirror-like and crack-free. The mosaic structure in the GaN layers was investigated. With a combination of Williamson-Hall measurements and the fitting of twist angles, it was found that the buffer thickness determines the lateral coherence length, vertical coherence length, as well as the tilt and twist of the mosaic blocks in GaN films. The PL spectra at 8 K show that a strong band edge photoluminescence of GaN on Si (1 1 1) emits light at an energy of 3.449 eV with a full width at half maximum (FWHM) of approximately 16 meV. At room temperature, the peak position and FWHM of this emission become 3.390 eV and 58 meV, respectively. The origin of this peak was attributed to the neutral donor bound exciton. It was found that the optimized total thickness of the AlN and graded AlGaN layers played a very important role in the improvement of quality and in turn reduced the cracks during the growth of GaN/Si(1 1 1) epitaxial layers.
Introduction
As a substrate for the growth of GaN/AlGaN epitaxial layers, silicon has many advantages as compared with SiC and sapphire due to its high crystal quality, low cost, good electrical and thermal conductivity and large area size [1] [2] [3] [4] [5] [6] [7] . 4 Author to whom any correspondence should be addressed.
Due to these advantages, gallium nitride growth on Si(1 1 1) wafers has attracted considerable academic and commercial attention. However, because of the large mismatches in the lattice parameter (−16.9%) and thermal expansion coefficients (approximately 57%) between Si and GaN, cracking occurs along the equivalent {1 −1 0 0} GaN plane during the cool down [4] [5] [6] [7] [8] [9] [10] [11] . Cracking significantly reduces the performance of GaN-based devices due to their current-scattering centres for light propagation as well as poor crystal quality [2] . The growth conditions and quality of the crystals strongly affect the crack density. The average size of the crack-free surface areas on an epitaxial sample can be increased by manipulating the growth conditions as well as the post-growth heat treatment. However, the appearance of cracks is quite random on the film, which produces critical difficulties in device applications. Therefore, the control of the crack distribution in a large area film is the main issue of this study [3] [4] [5] [6] [7] [8] [9] .
Many methods have been reported to eliminate the cracks and to improve the crystal quality. Kim et al [10] used a five-step graded Al x Ga 1−x N (x = 0.87-0.07) interlayer between an AlN buffer layer and GaN on Si (1 1 1). An AlGaN/GaN superlattice was used by Nikishin et al [4] instead of an AlGaN layer, and the insertion of a lowtemperature AlN (LT-AlN) interlayer into the bulk high growth temperature GaN was reported by Amano et al [8] . However, because of the excessively large thermal expansion coefficient mismatch, these methods have not achieved a perfect crackfree GaN/Si(1 1 1) epitaxy when compared with the growth of GaN on the sapphire substrate.
The insertion of a low-temperature AlN (LT-AlN) interlayer into the bulk high growth temperature GaN, which was proposed by Amano et al [8] , is considered to be a promising approach to the elimination of cracks for GaN growth on Si (1 1 1) substrates. The LT-AlN interlayer can lead to a lower threading dislocation (TD) density, improvement of the crystalline quality and the reduction of tensile stress and cracking that is generated during the high-temperature GaN growth or cooling [12] [13] [14] 16] . The AlN epitaxial layers are widely applied as nucleation layers (NLs) for GaN growth on silicon and serve not only as wetting layers for GaN but also as barrier layers to prevent Ga meltback etching.
Graded AlGaN intermediate layers between the AlN NL and the GaN introduce compressive stress during growth in order to compensate for the tensile stress that is generated primarily during the cool down from the growth temperature [11] . The growth of a successive Al x Ga 1−x N layer introduces compressive stress when x < y due to the negative lattice mismatch between GaN and AlN according to [10, 13] .
The influence of the growth parameters, including the growth temperature, V/III ratio and thickness, has been studied in terms of the crystalline quality of the top GaN layers. However, there have been very few reports on the optimization of HT-AlN and the step-graded AlGaN layers relating the crystalline quality, surface morphology and stress in the epitaxial GaN layers [11, 13] .
In this paper, we demonstrate extremely smooth and flat GaN high-quality and nearly crack-free GaN/Si(1 1 1) epitaxy. We also discuss the effects of the LT-AlN and HT-AlN template layers' thicknesses. We investigated the changes in morphologies as a function of the HT-AlN layer thickness. As a next step, the step-graded AlGaN intermediate layers were successfully introduced between the AlN NL and GaN to prevent the cracking of GaN. Then the thickness of the step-graded AlGaN intermediate layers was optimized. We have investigated in detail the effects of the LT-AlN and HT-AlN template layers' thicknesses on the characteristics of the structural features (correlation lengths normal and parallel to the substrate surface, tilt and twist, heterogeneous strain) and dislocation densities (edge and screw types) by HXRD and the optical properties by temperature-dependent PL measurements of the hexagonal epitaxial GaN films grown on Si (1 1 1).
Experimental procedure
GaN epitaxial layers on the Si substrate were grown in a lowpressure metalorganic vapour phase deposition (MOCVD) reactor (Aixtron 200/4 HT-S), using trimethylgallium (TMGa), trimethylaluminum (TMAl) and ammonia as Ga, Al and N precursors, respectively. H 2 was used as a carrier gas during AlN and AlGaN growth. Before loading the substrates, Si substrates were sequentially degreased by H 2 OSO 4 : H 2 O 2 : H 2 O (2 : 1 : 1) solutions for 1 min and etched in a 2% HF solution for 1 min, rinsed in de-ionized water and dried with a nitrogen gun.
At the beginning of the growth of AlN, the substrate was baked in an H 2 ambient at 1100
• C for 20 min to remove the native oxide. For all the samples, in order to prevent the formation of the amorphous SiN x layer, we carried out Al predeposition on the silicon surface. The buffer structures included low-temperature (700
• C) AlN (LT-AlN) layers, hightemperature (1100
• C) AlN (HT-AlN) layers and a five-step graded Al x Ga 1−x N interlayer (x = 0.64, 0.54, 0.40, 0.33, 0.22). In all the samples, the GaN layers were grown at 1050
• C. The AlN template layer growth temperature produces the best crystalline quality and a reasonably low tensile stress in the layer.
Five GaN samples were grown using different buffer structures (figure 1). The structure of sample A is Si(1 1 1)/30 nm HT-AlN/30 nm LT-AlN/300 nm HT-AlN/Al x Ga 1−x N/GaN. In samples B and C, we used the same buffer structures and changed the HT-AlN layer thickness to 400 nm and 500 nm, respectively. In all three samples, we used a 700 nm The crystalline quality of the GaN layers was examined by high-resolution x-ray diffraction (HRXRD). The x-ray diffraction (XRD) was performed using a Bruker D-8 highresolution diffractometer system, delivering Cu Kα1 (1.540 Å) radiation, using a prodded mirror and a 4-bounce Ge(2 2 0) symmetric monochromator. Data were collected on the (0 0 0 2), (0 0 0 4), (0 0 0 6), (1 0 −1 5), (2 0 −2 2), (1 2 −3 1), (1 0 −1 1), (1 0 −1 3) and (1 1 −2 4) reflections only with ω and ω − 2θ scans. PL measurements were carried out in the temperature range 8-300 K with the sample placed in a closedcycle cryostat. A 325 nm He-Cd laser with 30 mW optical power was used as an excitation source. The luminescence was collected by suitable lenses and then dispersed with a 550 mm spectrometer and detected by CCD. The surface morphology was characterized by Nomarski interface contrast optical microscopy and atomic force microscopy (AFM).
Results and discussion
We used AlN layers in order to grow III-nitrides on Si(1 1 1) surfaces [17] . In order to minimize the disorientation of GaN islands on top, a smooth surface of AlN is required. In our study, we used an HT-AlN interlayer with thicknesses ranging from 300, 400 to 500 nm. The crystalline quality, which was characterized by HRXRD, improves and more stress relaxation is achieved when the HT-AlN interlayer possesses thicknesses exceeding 400 nm. The growth of AlN epitaxial layers starts with Volmer-Weber island growth due to the large lattice mismatch between AlN and the silicon substrate (−17%) [18] . As the thickness of the AlN epitaxial layer increases, the island density is reduced and the size of the islands becomes increasingly larger. When the thickness of the AlN layer reaches 400 nm, the surface is nearly smooth and coalesced, which can be then used as a good template for further AlGaN or GaN growth.
Although the AlN/Si(1 1 1) template was optimized and a rather low tensile stress in the GaN layer was achieved, the GaN layer still suffered from cracking problems. In order to avoid compressive stress relaxation, seven layers of AlGaN with different compositions were introduced, i.e. the Al content was varied in steps. These incremental steps only led to modest changes in the lattice constant. Therefore, we expected to maintain a pseudo-2D growth mode for each successive layer. This in turn led to a smooth and crack-free GaN surface, as shown in figure 2. We found an optimal value for the total thickness of the step-graded AlGaN intermediate layers.
This was achieved by varying the total thickness of these intermediate layers from 700 to 950 nm while keeping the thickness ratio constant.
The surface morphologies of all the samples were studied by optical Nomarski interference microscopy. The measured crack densities for samples A, B, C, D and E were about 15/cm, 4/cm, 9/cm, 22/cm and 28/cm, respectively. In our case, the crack density increased for those samples with less than 300 nm HT-AlN thickness. It also increased above 500 nm. In our study, we obtained a completely crack-free 1.9 µm GaN layer with a 30 nm HT-AlN/30 nm LT-AlN/400 nm HT-AlN/700 nm graded Al x Ga 1−x N buffer system. The cracks along {1 −1 0 0} in the GaN layers grown on the Si substrate have been reported by many groups [10, 19] . Cracks in GaN on Si are known to be formed during the cooling stage due to a large tensile stress that is caused by the large difference in the thermal expansion coefficients [13] [14] [15] .
The surface morphology of the GaN layer grown on the step-graded AlGaN intermediate layers is extremely smooth. The root-mean-square (RMS) roughness and the maximum peak-to-valley roughness are between 0.4 and 0.7 nm. Figures 3(a) -(e) show a comparison of the surface morphology for samples A, B, C, D and E, respectively. Sample B has a smooth surface with a low rms roughness (rms = 0.4 nm) compared with samples A, C, D and E. Sample B with a 700 nm graded AlGaN interlayer shows fewer defects, but sample E with a 950 nm graded AlGaN interlayer shows structural defects along with a rough morphology, in which similar surface defects have been associated with open core dislocations that have a screw-type component [9, 13, [43] [44] [45] [46] .
XRD was performed for all the samples to investigate the crystal phase of the GaN on Si (1 1 1). Figure 4 shows the θ scan XRD pattern of a GaN layer grown on a HT-AlN and graded Al x Ga 1−x N interlayer buffer system. The diffraction patterns exhibited only the dominant wurtzite GaN crystalline (0 0 0 2), (0 0 0 4) and (0 0 0 6) peaks plus two peaks from the Si substrate and a small peak from the AlN buffer layers. For sample B, the (0 0 0 2), (0 0 0 4) and (0 0 0 6) reflections of wurtzite GaN are clearly observed at 34.56
• , 73.02
• and 126.24
• , respectively. These results indicate a grown GaN layer with the normal orientation along the c-axis of wurtzite crystalline structures [9] .
An in-plane scan was also taken by rotating the sample around its surface-normal direction to investigate the in-plane alignment of the GaN film. Figure 5 shows the scan pattern of the (1 0 −1 1) plane of sample B. It can be seen in figure 5 that diffraction peaks from the (1 0 −1 1) plane of GaN were observed at 60
• intervals, confirming the hexagonal structure of the GaN epilayer.
Heteroepitaxial thin films having a large lattice mismatch with respect to the substrate form a mosaic structure of slightly misoriented sub-grains [20, 21, 23, 24] , which is characterized by the nucleation of slightly misoriented islands and the coalescence of these islands towards a smooth surface. The mosaic structure of the epilayers is determined by the size and angular distribution of the mosaic blocks. The vertical and lateral correlation lengths, heterogeneous strain and degree of mosaicity expressed by the tilt and twist angles are important parameters in characterizing the quality of the epitaxial films with a large lattice mismatch to the substrate [20, 22, 25] . The mosaic blocks are assumed to be slightly misoriented with respect to each other. The out-of-plane rotation of the blocks perpendicular to the surface normal is the mosaic tilt, and the in-plane rotation around the surface normal is the mosaic twist. The average absolute values of the tilt and twist are directly related to the full width at half maximum (FWHM) of the corresponding distributions of crystallographic orientations [24, 25] .
The parameters, vertical and lateral coherence length and tilt angle can be obtained from the Williamson-Hall measurement and the twist angle from an approach that was developed by Srikant et al [25] or from a direct measurement [26] , which explains the superposed effect of tilt and twist on the broadening of the FWHMs of off-axis plane rocking curves [27] .
Each contribution to the broadening of particular XRD curves can be separated in a Williamson-Hall measurement [20, 27] . Specifically, in triple-axis diffractometer measurements, the broadening of the rocking curve (angular-scan or ω scan) of the symmetric (0 0 0 2), (0 0 0 4) and (0 0 0 6) reflections for the GaN epitaxial layer is influenced only by the tilt angle α tilt and the short coherence length parallel to the substrate surface L .
Separation analogous to the tilt angle α tilt and short coherence length can be made with a Williamson-Hall is experimentally well confirmed, which gives rather accurate tilt angle values. The lateral coherence lengths L and tilt angles are shown in table 1. As can be clearly seen, the tilt angles for all the samples were rather small. It can be seen from this table that minimum tilt angle values were obtained for sample B with a 400 nm HT-AlN layer and a 700 nm AlGaN layer. Furthermore, the same tilt angle values can be obtained for sample D with an 800 nm AlGaN buffer layer. The lateral coherence lengths were determined to range from 176 to 1500 nm. As seen in table 1, the maximum values were observed for sample B.
The vertical coherence lengths L ⊥ values are shown in table 1 . The values range from 500 to 1800 nm. For sample B, the maximum L ⊥ value was 1800 nm.
The strain normal to the substrate ε ⊥ values obtained for all the samples is shown in table 1. The ε ⊥ values range from 8.0 × 10 −4 to 9.7 × 10 −4 . Small changes were observed for a heterogeneous strain with the buffer system thickness.
The mean twist angle between the sub-grains can be extrapolated from a fit to the measured double-axis scans data for different (hkl) reflections in a skew symmetric diffraction. Several extrapolation methods have been reported in the literature for a mean twist angle calculation [20, 25, 28] . However, all these methods include a complicated calculation and fitting procedure for the extraction of the twist angle from the experimental data. On the other hand, Zheng et al [26] proposed a simple empirical approach to obtain the mean twist angle directly without falling into complications.
The FWHM of the rocking curve of an imperfect film is composed of several contributions, such as the mean tilt, twist, the average size of the sub-grains and the inhomogeneous strain distributions. Although the broadening, due to a limited domain size and inhomogeneous strain, can be significant in highly imperfect films, their effects have been eliminated by using a slit of 0.6 mm that is placed in front of the detector in double-axis ω scans. Indeed, their contribution to the overall broadening was found to be of minor influence in this measurement case.
In addition, the (0 0 0 2) reflection and (hkl) reflections with either h or k nonzero orientation of our samples with triple-axis ω − 2θ scans exhibit a small FWHM. The last important point is that the intrinsic width of the reflection for the crystal and the apparatus broadening for all the Table 1 . The properties of the GaN layers that were grown with different interlayers are listed. The second and third columns show the HT-AlN and graded AlGaN layer thickness (nm). In the third and fourth columns, the peak position and the FWHM (meV) of the band emission of PL at room temperature are listed. The buffer layer thickness and structural characteristics of all the samples are given, including the vertical grain size L ⊥ , lateral grain size L , vertical heterogeneous strain ε ⊥ parallel to the lattice vector and tilt angle α tilt . The last column shows the rms surface roughness (nm) measured for a 2 × 2 µm 2 scan area. experimental reflections are negligible because these effects amount to only a few arcsec. For this reason, we can only measure the broadening that was caused by the twist using (hkl) reflections in skew geometry. The extended FWHMs of ω and scans were obtained by using the fit of pseudo-Voigt function to the rocking curves. The FWHM of the ω scan increases with the increment of χ, while the FWHM of scan decreases with the increment of χ [26] . They become closer when the (1 2 −3 1) reflection yields χ at 78.6
HT-AlN
• . These results showed that the rocking-curve widths of ω or scans for this higher χ angle are close to the twist angles. In every respect, the FWHMs of scans are larger than those of χ scans with the change in the inclination angle χ . Therefore, the mean twist angles must be the average value of the FWHMs of ω and scans of χ = 78.6
• . The measured mean twist angle of the GaN layers is shown in table 1. The mean twist angles change with the HT-ALN layer thickness and the AlGaN layer thickness. The minimum mean twist angle value was obtained as 0.468
• for sample B. The sample HT-AlN layer thickness was 400 nm and the AlGaN buffer layer thickness was 700 nm. Based on this observation, it can be argued that the mean twist angle of the GaN epilayers grown on the Si substrate is strongly affected by the HT-AlN layer thickness and the AlGaN layer thickness.
It is well known that the GaN epilayers grown on Si(1 1 1) in two steps exhibit a high dislocation density [1] [2] [3] [4] [5] [6] [7] . There are three main types of dislocations present in the GaN thin film [20, 26, 29] : the pure edge dislocation with Burgers vector b = 
where D screw is the screw dislocation density, D edge is the edge dislocation density, β is the FWHM measured by XRD rocking curves and b is the Burgers vector length (b screw = 0.5185 nm, b edge = 0.3189 nm). Figure 7 shows the edge, screw and total dislocation densities for different samples. As seen in this figure, the edge The photoluminescence (PL) spectra at room temperature for all the samples were measured. The PL peak and FWHM values for the five samples are all listed in table 1. The samples show a strong PL emission band between 3.387 and 3.394 eV due to the near-band edge emission from wurtzite GaN. The FWHMs of the band edge emission were within the range 58-62 meV. The small FWHM values of the PL emission peaks also indicate a high-quality w-GaN material.
In table 1, the FWHM of the near-band edge emission peak was 58 meV for sample B. It indicates that sample B that was grown with a 700 nm AlGaN layer and a 400 nm HT-AlN layer has the best optical property versus other samples. These results were compared with the result achieved for GaN/Si epilayers [30] [31] [32] . The low FWHM values in our films may likely be attributed to the high degree of crystallographic alignment of the buffer layers and to the layers without a grain structure. Jang et al [15] Figure 8 shows the evolution of PL spectra for sample B over the temperature range 8-300 K. As seen in the figure, the PL spectra at 8 K were dominated by a GaN band edge emission centred at 3.449 eV and its phonon replicas were separated by approximately 92 meV in successive order. The FWHM of this main peak is approximately 16 meV. At room temperature, the peak position and FWHM of this emission become 3.390 eV and 58 meV, respectively. The origin of this peak was attributed to the neutral donor bound exciton. These types of transitions are commonly responsible for the dominant PL line in undoped and n-type GaN grown by any technique on any substrate. In high-quality strain-free GaN samples with a low concentration of defects, two or more sharp lines that were observed around 3.471 eV were attributed to different neutral shallow donor bound exciton transitions [32, 33] . In our case, the energy peak position of the main peak redshifted by approximately 18 meV compared with a strain-free GaN template, which implies that there is a strong tensile stress present in GaN epilayers grown on Si (1 1 1) . The shoulder at approximately 3.477 eV, which becomes clearer as the temperature increases (see the inset of figure 8 ), was attributed to the A-free exciton transition [34, 35] . Additional defect-related weak blue luminescence (BL) and strong yellow luminescence (YL) peaks at 2.9 eV and 2.2 eV, respectively, were also observed at the low energy side of the PL spectra at 8 K. The YL was attributed to a shallow donordeep acceptor transition [36] . The deep acceptor is believed to be the native gallium vacancy (V Ga ), while the shallow donor is attributed to substitutional oxygen (O N ) and silicon (Si Ga ) or C impurities substituted for the nearest neighbour of the Ga sites [37, 38] . In our case, V Ga -Si Ga complexes are believed to be the main cause of the YL band due to the diffusion of Si impurities from the substrate during growth. The BL band peak at approximately 2.9 eV in GaN was similar to the notorious YL in this material. The BL band is often observed in undoped, Mg-and Zn-doped GaN with a very similar shape and position [36] . The origin of this peak is not clear in our case, but most probably it is due to the transitions from a deep donor to the Mg Ga shallow acceptor arising from the residual memory effect of the MOCVD system. Figure 9 shows the temperature-dependent PL peak positions and FWHM deduced by applying the Gaussian fit Figure 9 . The temperature induced a shift in the energy peak positions of GaN band edge emission together with its FWHM deduced by using Gaussian fits to the PL spectra shown in figure 8 . The dashed line and the full circles are drawn by using Varshni's equation (equation (3)) and the solid line is drawn using equation (4) .
to the experimental data. The temperature dependence of the peak positions of the GaN band edge emission can be fitted by using Varshni's equation;
where E g (T ) is the transition energy at temperature T , E g (0) the corresponding energy at 0 K and α and β are known as Varshni's thermal coefficient and Debye temperature, respectively. The best fitted values of α and β are 0.92 meV K −1 and 867 K, respectively. These values are similar to those reported by Calle et al [34] for the free exciton transition of GaN grown on the Si (1 1 1) substrate. As seen in the figure, although the energy peak position of the band edge emission line follows the typical temperature dependence of the energy gap shrinkage over 80 K, it deviates from Varshni's equation at low temperatures. As the temperature increases from 8 to 80 K, the peak energy blueshifts by approximately 6 meV. This blueshift in the peak position can be interpreted by considering the thermal dissociation of the main bound exciton to other shallower donor bound excitons, which could not be resolved due to the limited linewidth of the PL spectrum. Similar behaviour was also observed by Zhang et al [39] . The thermal dissociation of the main bound exciton to free excitons and other shallower donor bound excitons is also accompanied by a change in the relative intensities of these transitions with increasing temperature [40] . Figure 9 also shows the temperature dependence of the FWHM of the main peak. A study of the linewidth of excitons provides information about the scattering mechanisms [41] . Temperature-independent inhomogeneous and homogeneous broadening mechanisms related to various scattering processes such as phonons or excitons can be considered for the observed behaviour of the linewidth. Since the excitation power density of the current measurements is approximately 5 mW cm −2 the exciton-exciton interaction can be ignored. If we assume that the linewidth is mainly related to the exciton broadening through phonon scattering, it can be described by 
where subscripts I and H refer to inhomogeneous and homogeneous broadening and γ ac and LO are parameters describing the exciton-phonon interactions. It is clearly observed that the FWHM increases with temperature at two different rates. At low temperatures homogeneous broadening is determined by the scattering of excitons by acoustic phonons, which shows a monotonic increase in the FWHM. At high temperatures the exciton-LO phonon interaction becomes the dominant mechanism since the density of LO phonons increases as the temperature increases. Indeed, fitting the experimental data using equation (4) above the temperature of 120 K gives an excellent correlation indicating that the main contribution to the observed FWHM is the exciton-phonon interaction. Figure 10 shows an Arrhenius plot of the PL intensity for band edge emission over the temperature ranges under investigation. As shown in the figure, the PL intensity of the emission decreases as the temperature increases. The dominant mechanism leading to this thermal quenching of PL intensity is due to the increase in the effects of the nonradiative recombination centres with temperature. As seen in the figure, the PL intensity decreases rather little at low temperatures but decreases more rapidly at high temperatures. This suggests that there are two different mechanisms that are responsible in the low-and high-temperature regimes. The activation energies in these thermally activated processes were calculated using the following equation [42] :
where E ai is the activation energy of the corresponding nonradiative recombination centres, α i is the process rate parameter and k B is Boltzmann's constant. The fitted curve is shown as the solid line in figure 10 . The thermal activation energies of 6 meV for the low-temperature and 50 meV for the high-temperature regimes were deduced from the best fit by considering the bi-exponential function. At low temperatures, the thermal quenching of the PL peak intensity with 6 meV activation energy could be related to the thermal dissociation of the main donor bound exciton line at 3.449 nm into other shallower donors as discussed in the temperature dependence of the emission peak. A faster decreasing rate of PL intensity with 50 meV thermal activation energy is related to the increase in nonradoative recombination centres as the temperature increases. The temperature dependence of the relative intensities of the GaN band edge emission with respect to the YL (I BE /I YL ) is also shown in figure 10 . This ratio decreases with temperature and becomes less than 1 at room temperature indicating that the defect density in this sample is most probably due to the intensive diffusion of Si impurities from the Si substrate to the GaN epilayer.
Conclusions
In this study, the influence of the HT-AlN buffer layer thickness in the range from 300 to 500 nm and the AlGaN buffer layer thickness in the range from 700 to 950 nm on the GaN layer was investigated. Single crystalline GaN films were successfully grown on Si (1 1 1) substrates by MOCVD. The thicknesses of the GaN epitaxial layers exceeded 2.6 µm. The evolution of the surface morphology of GaN films as a function of the HT-AlN thickness was investigated. Crack-free flat GaN films were obtained with a 400 nm HT-AlN layer. Nearly crack-free GaN epitaxial layers were achieved by introducing step-graded AlGaN intermediate layers on optimized HT-AlN/Si (1 1 1) templates. The crystalline quality and morphology of the GaN layers significantly improved after the insertion of stepgraded AlGaN layers. We found that stress relaxation due to the step-graded AlGaN layers was also dependent on the layer thickness. The step-graded AlGaN layers were grown to a total thickness of 700 nm. The edge and screw dislocation density changed with the HT-AlN layer thickness and the AlGaN intermediate layer thickness. For sample B, with a 400 nm HT-AlN template layer and a 700 nm AlGaN intermediate layer thickness, minimum dislocation densities were obtained. At room temperature, the samples show a strong PL emission band between 3.387 and 3.394 eV due to the nearband edge emission from wurtzite GaN. The FWHMs of the band edge emission were within the range 58-62 meV. The small FWHM values of the PL emission peaks also indicate high-quality w-GaN material. The FWHMs of the near-band edge emission peak were 58 meV for sample B that was grown with a 700 nm AlGaN layer and a 400 nm HT-AlN layer which has the best optical property of all the samples.
